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Abstract
After sliding contact of a hard spherical counterface on a metal surface, the resulting wear scar possesses a complex microstructure
consisting of dislocations, dislocation cells, ultraﬁne or nanocrystalline grains, and material that has undergone dynamic recovery. There
remains a controversy as to the mechanical properties of the tribolayer formed in this wear scar. To investigate the properties of this thin
layer of damaged material in single crystal nickel, we employed two complementary techniques: pillar compression and nanoindentation.
In both techniques, the tests were tailored to characterize the near surface properties associated with the top 500 nm of material, where
the wear-induced damage was most extensive. Pillar compression indicated that the worn material was substantially softer than neighboring unworn base metal. However, nanoindentation showed that the wear track was substantially harder than the base metal. These
apparently contradictory results are explained on the basis of source limited deformation. The worn pillars are softer than unworn pillars
due to a pre-straining eﬀect: undefected pillars are nearly free of dislocations, whereas worn pillars have pre-existing dislocations built in.
Nanoindentation in worn material behaves harder than unworn single crystal nickel due to source length reduction from the ﬁne-grained
wear structure.
Ó 2011 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Keywords: Wear; Deformation structure; Dislocations; Compression test; Nanoindentation

1. Introduction
Metallic sliding friction is known to produce highly cold
worked nanocrystalline or ultraﬁne-grained layers, via
severe plastic deformation, that are conﬁned to the region
just below the wear surface [1–5]. Numerous studies have
examined the evolution of these subsurface layers, including the formation of steep dislocation gradients and cell
walls, as well as processes such as grain reﬁnement and
dynamic recovery [6]. In some instances, these tribologically induced surface layers can result in an evolution towards
low-friction behavior [5]. However, there is a longstanding
controversy about whether these near-surface layers are
harder or softer than the parent material [7], a controversy
⇑ Corresponding author. Tel.: +1 505 844 7039; fax: +1 505 844 9781.
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which is propagated by the lack of deﬁnitive experimental
techniques. A study of the local near-surface mechanical
properties of these tribolayers would not only assist in
the interpretation of the low-friction evolution process,
but also bear relevance to the properties of ultraﬁnegrained and nanocrystalline metals produced by severe
plastic deformation.
Nanoindentation and micropillar compression have
emerged as two common techniques to interrograte the
mechanical behavior of small volumes, and are therefore
relevant tools to apply to wear-induced tribolayers. These
tools have proved to be particularly useful for examining
size-dependent mechanical behavior. The classical example
of size-dependent mechanical behavior is the Hall–Petch
eﬀect [8,9], which relates the ﬂow strength of a material
to its average grain size. The Hall–Petch relationship,
which is observed but still lacks strong theoretical
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underpinnings, has been shown to break down as the dislocation free path is constrained to tens of nanometers [9–11].
Another well-established size dependency occurs in the
presence of strong strain gradients, such as in nanoindentation, where geometrically necessary dislocations cause a
hardening eﬀect in small volumes [12,13]. Even in the
absence of grain boundaries and strain gradients, such as
micropillar compression experiments of single crystals,
size-dependent mechanical response has been observed
[14–17]. This last form of size dependency is related to
the role of free surfaces and ﬁnite volumes on dislocation
production, storage and annihilation. While the purpose
of the present work is not to examine size-dependent
mechanical properties, it is necessary to be aware of these
eﬀects when interpreting the observed behavior using both
nanoindentation and micropillar compression techniques.
In this paper, we investigate the mechanical properties
of near-surface tribolayers created by a wear process on
(initially) single crystal nickel. The wear process induces
two subsurface features: a forest of dislocations, with a dislocation density gradient decreasing away from the surface
and cell/grain boundaries which transition to the parent
single crystal away from the surface. Nanoindentation
and microcompression tests were performed on both the
nanocrystalline wear material and the virgin, single crystal
nickel. This provides a unique side-by-side comparison
between the mechanical properties of single crystal material
and tribologically “damaged” material on a single sample
with otherwise nominally identical conditions. The comparison of nanoindentation and microcompression highlight the eﬀects of conﬁnement and strain gradients in
small-scale plasticity. Furthermore, the mechanical tests
show an apparent contradiction in behavior: nanoindentation suggests the tribolayer is harder than the single crystal,
while microcompression tests conclude that it is softer.
These ﬁndings illustrate that the mechanical behavior of
materials at the nanoscale can be sensitive to not only
microstructure and specimen size, but also the geometry
and constraint of the specimen and the deformed volume.
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these two wear tracks were produced under markedly different conditions and possess diﬀerent wear-induced damage states, they both exhibited similar trends in
mechanical behavior, which is the emphasis of the present
study. The two linear wear tracks of interest were created
along two diﬀerent crystallographic directions: h1 1 0i and
h1 1 2i. The h1 1 0i wear track was created with 0.98 N of
normal force for 1000 cycles, resulting in a steady-state
friction coeﬃcient of l  0.5; the h1 1 2i direction track
was created with 0.098 N of normal force for 2000 cycles,
resulting in a steady-state friction coeﬃcient of l  0.4. A
scanning electron microscopy (SEM) image of the h1 1 0i
track is shown in Fig. 1a. Note that the micropillars created
in the wear track are also visible in Fig. 1a. The coeﬃcient
of friction during the wear process for both tracks is shown
in Fig. 2.

Fig. 1. (a) The wear track left in single crystal nickel showing the creation
of ﬁve pillars within the track. (b) An example of the as-fabricated
submicron pillar.

2. Wear track production
Wear tracks were created on a {1 1 0} surface of a
99.995% pure single crystal nickel coupon obtained from
Acumet Materials Company. The wear tracks and wear
measurements were made using a ball-on-disk linear wear
tester in unidirectional sliding mode with a 3.175 mm diameter Si3N4 (Cerbec) ball. To reduce the inﬂuence of the surrounding environment, the tribometer was housed in a
chamber and the tests were conducted in dry nitrogen
(<1%RH, <10 ppm O2, and <100 ppm H2O). Normal
forces of 0.98 and 0.098 N were applied by deadweights.
A 500 mN Sensotec transducer in the load arm measured
the tangential (friction) force over a track distance of
approximately 1.6 mm. The sliding speed was 3.7 mm s1.
A matrix of wear conditions was examined but, for brevity, only two wear conditions will be discussed here. While

Fig. 2. The coeﬃcient of friction measurements for the two wear tracks.
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The underlying friction-induced defects and grain structures for both wear tracks were examined using cross-sectional focused-ion-beam (FIB) lift-out of transmission
electron microscopy (TEM) foils taken at the centerline
of the wear track along the wear direction [18]. The
bright-ﬁeld TEM images in Fig. 3 are generally consistent
with typical metallic substructures [6,19,20]. Wear-induced
substructures in metals typically form forest dislocations
which organize into brick-shaped “lamellar” dislocation
cells elongated along the sliding direction. As wear continues, these cells subsequently evolve into high-angle grain
boundaries with dynamic recovery of the intragranular
defects. The h1 1 0i wear track was dominated by partially
recovered brick-like grains that were elongated along the
sliding direction. The grains were typically 50–300 nm thick
and 100–600 nm long. Our prior work on Ni wear tracks
produced under similar conditions suggest that this substructure consists of a combination of low- and high-angle
grain boundaries, with only weak crystallographic texture.
The h1 1 2i wear track also possessed elongated grains or
subgrains in the near-surface region. The grain boundary
organization only persists to a depth of 500 nm in the
h1 1 2i track, whereas the grain boundary network persists
to a depth of 5 lm in the h1 1 0i track. Also, the dynamic
recovery process appears less complete in the h1 1 2i track,
with many more forest dislocations compared to the h1 1 0i
track. The unworn material was also imaged by TEM for
comparison. As expected, the single crystal unworn material contains essentially no substructure, with only a few
dislocations present associated with a polishing-induced
Beilby layer.
3. Pillar compression of wear tracks and unworn single
crystal nickel
Samples for compression testing were micromachined
into the nickel surface using a dual-platform FIB of gallium (Ga+) ions. This was accomplished in a multi-step
process. First, the areas of interest were located on the
sample and covered with a protective platinum layer using
consecutive electron- and ion-beam-assisted depositions.
This process ensured that the ion beam irradiation did
not alter the microstructure in the ﬁne-grained wear scars.
Second, pedestal preforms were milled into the surface of
the nickel sample. These preforms were 5 lm in diameter
and approximately 10 lm in height, with suﬃcient material removed from the perimeter to allow access for the
compression experiment. Third, a submicron pillar was
milled into the top of each preform. The ﬁnal pillar
dimensions were kept as close as possible to a diameter
of 250 nm and a height of 500 nm. The pillars were
located as close to the center of the wear scars as possible.
After milling, each of the pillars was imaged and measured using a scanning electron microscope. Fig. 1a shows
an SEM example of a h1 1 0i wear track containing ﬁve
milled pillars and Fig. 1b shows a magniﬁed view of
one of the pillar-on-pedestal samples.

Fig. 3. Bright-ﬁeld TEM images of the near-surface wear-induced grain
boundary and defect content for the (a) h1 1 0i and (b) h1 1 2i wear tracks.
In both cases, sliding occurred from left to right.

Micropillar compression tests were performed on nine
pillars: three from the h1 1 0i wear track, three from the
h1 1 2i wear track and three from unworn base material
as a control group. The tests were performed with a Hysitron Performech TriboIndenter using a 12 lm diameter ﬂat
punch. The resolution of the TriboIndenter was limited to
the noise ﬂoor of the instrument, which was measured to be
±0.68 nm displacement and ±1.29 lN force (±1 lN standard deviation). This noise ﬂoor was measured while the
compression punch was held in contact with the ﬁrst micropillar immediately prior to testing to best represent the
actual test conditions. The compression tests were performed in feedback displacement control at a loading rate
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of 0.5 nm s1 to a total displacement of 100 nm. For pillars
that are nominally 500 nm in height, this corresponds to a
strain rate of 0.001 s1 and a total engineering strain of
20%.
Because the compression tests each took nearly 4 min to
complete, care was taken to eliminate the eﬀects of instrument drift. This was accomplished by allowing the instrument to settle with the compression platen in contact
with each sample for no less than 30 min, then collecting
drift data prior to each test; applying a linear correction
to the acquired data to account for the observed drift;
and introducing 10 s dwell periods at the beginning and
peak load of each test to monitor any remnant drift.
Engineering stress–strain curves for the two wear tracks
and the unworn material are shown in Fig. 4. Engineering
stress was calculated using the measured load and the
cross-sectional area corresponding to the median pillar
radius. Engineering strain was calculated as the change in
.
length per unit original length, i.e.  ¼ DL
Lo
Fig. 4 and Table 1 show that the tribolayer pillars are
weaker than a h110i single crystal pillar of the same size.
The two diﬀerent wear tracks show qualitatively similar
stress–strain responses. To quantitatively compare
strengths between the diﬀerent pillars, we consider ﬂow
strengths measured at two oﬀsets: 5% and 10% strains.
Evaluating ﬂow stresses at relatively large values of strain
is standard practice [21], and is intended to avoid problems
arising from misalignment between the compression and
pillar axes. The values extracted for three diﬀerent pillars
2500
Unworn Single Crystal Ni
<110> Wear Track
<112> Wear Track

Engineering Stress (MPa)
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Fig. 4. Engineering stress–strain curves from the two diﬀerent wear tracks
and the unworn single crystal parent material. The h1 1 0i single crystal
exhibits a higher ﬂow stress for the same size pillars and shows strain
hardening. The two wear tracks, created in the h1 1 0i and h1 1 2i
directions, show similar ﬂow stresses and no strain hardening. For each of
the three conditions, three pillars were compressed, but only one of each is
presented here for the sake of clarity. The other repetitions showed similar
behavior, as compiled in Table 1.
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Table 1
The strength of all nine pillars, evaluated at 5% and 10% ﬂow stresses.
Condition

Pillar

5% Flow stress (MPa)

10% Flow stress (MPa)

h1 1 0i

1
2
3

350
800
750

350
800
400

h1 1 2i

1
2
3

500
800
750

600
850
750

Unworn

1
2
3

900
1200
1100

1300
1400
1200

for each wear condition (h1 1 0i, h1 1 2i and unworn) are
listed in Table 1. The unworn pillars are approximately
1 12 –3 times stronger than those in the wear tracks.
The strengths of the pillars are not the only features of the
stress–strain curves that diﬀer between the worn and unworn
pillars. For example, the unworn single crystal pillars exhibit
nearly linear strain hardening, with a modulus between 3.5
and 5.5 GPa. By comparison, the wear track pillars show
no noticeable strain hardening with virtually constant ﬂow
stress for all strains up to 20%. One exception is pillar #3
in the h1 1 0i wear track (see Table 1), which exhibits apparent softening between 5% and 10% strain.
Post-mortem SEM and cross-sectional TEM images of
the pillars were taken to determine the mode of deformation. Corresponding before-and-after images were taken
of each micropillar using a Zeiss Supra 55VP ﬁeld emission
scanning electron microscope. Typical in-lens images are
shown in Fig. 5. As seen in Fig. 5g–i, the unworn single
crystals deform via double slip. This is expected because
the h1 1 0i orientation has two high Schmid factor slip
planes and two inactive slip planes. The deformation in
the single crystal pillars matches observed deformation patterns in other high symmetry pillars [21] showing generally
homogeneous deformation of the pillars and multiple
active slip systems.
In contrast, the deformation observed in the wear track
pillars is much more localized as shown in Fig. 5a–f. Deformation is largely conﬁned to the top half of the pillar, with
little or no discernible deformation occurring in the bottom
half. In addition, deformation appears to have occurred
either by the formation of a single dominant shear feature
(possibly a single active slip plane), as in Fig. 5f, or by the
activation of multiple adjacent slip systems, as in Fig. 5b.
These deformation patterns have been observed in single
crystal, low symmetry orientations [17], suggesting that
the deformation in tribolayer pillars behaves like lowsymmetry single crystal pillars in grains that have high
Schmid factors. Nonetheless, while there is a clear and consistent distinction here between images of deformed wear
track material and unworn material, there is no signiﬁcant
distinction between the two diﬀerent types of wear tracks.
This distinction of homogeneous deformation in the
unworn pillar and highly localized deformation in the worn
pillar belies diﬀerences in the underpinning slip process.
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Prior to Testing

Two Views after Testing

(a)

(b)

(c)

(d)

(e)

(f)

(g)

(h)

(i)

<110>
Wear
Track

<112>
Wear
Track

Control
(Unworn
Single
Crystal)

200 nm
Fig. 5. Before and after SEM images of pillars. (a) h1 1 0i wear track pillar before testing and (b and c) SEM images after testing showing localized
deformation. (d) h1 1 2i wear track pillar before testing and (e and f) views after testing also showing localized deformation. (g) h1 1 0i single crystal pillar
before testing and (h and i) after testing showing homogeneous double slip.

When slip is homogeneous in the unworn single crystal
case, this suggests that each individual source is readily
depleted or otherwise impeded after a few dislocations have
passed, resulting in small surface ledges; only when the
stress is increased can a new source be activated. However,
in the case of the localized slip in the worn pillar, there is a
single dominant source that activates and continues to
plow dislocations, creating a single very large ledge with
no additional stress needed. These two distinct slip morphologies are entirely consistent with the distinctly diﬀerent
work hardening slopes shown in Fig. 4.
TEM samples of compressed pillars were extracted from
each of the wear conditions, using the same procedure outlined above. Fig. 6 shows TEM images from pillars in the
two wear tracks. Localized plastic deformation is clearly
evident, which, as previously mentioned, does not exist in
the single crystal pillars. The cell structures are also clearly
evident, showing cell sizes of around a few hundred nanometers. In addition, a signiﬁcant number of dislocations
are visible within the cells. The regions of localized plastic
ﬂow do not appear to follow grain boundaries, suggesting
the absence of signiﬁcant grain boundary sliding or related
processes. The high dislocation content in these small pillars suggests that the mechanism of deformation is conventional dislocation plasticity.

4. Nanoindentation of wear tracks and unworn single crystal
nickel
Nanoindentation measurements of the hardness of the
three diﬀerent ﬁlms were performed using a Hysitron Performech TriboIndenter with a Berkovitch tip with radius
less than 45 nm. Nanoindentation hardness was measured
as a function of indentation depth ranging from 20 to
240 nm using the well-established Oliver and Pharr method
[22], modiﬁed to include multiple partial unloads during
each indentation. Fig. 7 shows the absolute hardness for
each wear track compared to the unworn single crystal
nickel. From these data, it is clear that the tribolayers are
harder than the single crystal ﬁlms by a factor of 2 or more.
Using a Tabor factor of 2.9, the ﬂow stresses of the single
crystal and tribolayers can be roughly estimated as
600 MPa and 1.5–2.0 GPa, respectively. Caution should
be exercised with the quantitative values for ﬂow stress
implied by the Tabor relationship, since in this size-aﬀected
regime nanoindentation hardness can be elevated by the
incorporation of geometrically necessary dislocations [23].
Nevertheless, in this direct comparison of identically sized
indents with and without wear damage, the Tabor relationship reinforces the idea that there is a “stronger” response
in the wear track material as observed by nanoindentation.

C.C. Battaile et al. / Acta Materialia 60 (2012) 1712–1720
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Nanoindentation Hardness (GPa)
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Fig. 7. Hardness data for the single crystal and wear track material. The
three dashed lines are curve ﬁts of hardness proportional to contact depth
raised to 1/2 power, consistent with Ref. [12].

Fig. 6. Bright-ﬁeld TEM images of deformed pillars from the (a) h1 1 0i
and (b) h1 1 2i wear scars.

shallow depths. Depth-dependent nanoindentation hardness has been studied extensively elsewhere and is not the
focus of the present study. Nevertheless, it is worthwhile
pointing out that in the present study there are at least
two independent sources for this increase in hardness at
shallower depths. First is a classic indentation size eﬀect
typically attributed to geometrically necessary dislocations
in the presence of steep strain gradients [12]. More recently,
due to the emergence of similar size-scale dependencies in
micropillar compression which cannot be explained by
strain gradient concepts, size-dependent hardening has
been argued on the basis of a reduction in dislocation
sources in small volumes [24,25]. In nanoindentation, the
size eﬀect is expected to cause hardness to scale with the
reciprocal square root of contact depth [12,24], and such
a relationship was employed to ﬁt the data in Fig. 7. A second source of depth-dependent hardness, in addition to the
classical indentation size eﬀect, comes from the graded nature of the substructures that form underneath the wear
scar. There are gradients in dislocation content and
grain/cell size that decay away from the wear surface. This
graded substructure would be expected to also contribute
to increasing hardness at shallow depths. Note that this
second source of depth-dependent hardness does not contribute to the behavior of the unworn single crystal.
5. Discussion

The increased nanoindentation hardness of the triboﬁlms
as compared to the single crystals was expected due to dislocation forest (Taylor) and grain boundary (Hall–Petch)
hardening.
In all cases, the nanoindentation behavior in Fig. 7
shows a clear depth dependence: the material is harder at

5.1. Deformation mechanism in pillars
In spite of the small size of the pillars and their even
ﬁner grain size, the deformation mode shown in Figs. 5
and 6 suggests conventional dislocation slip-mediated
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plasticity, with no evidence of alternative deformation
modes such as twinning or grain boundary sliding. Instead,
deformation appears to be due to conventional dislocation
plasticity with signiﬁcant shear localization. In the single
crystal parent material, slip steps were present all along
the height of the pillar, with at least two slip systems active,
as shown in Fig. 5i. However, the tribolayer pillars experienced shear localization, with only a single conﬁned shear
zone contributing to a vast majority of the strain. Why
do the single crystal pillars deform by slip steps distributed
homogeneously throughout the pillar whereas the tribolayer pillars deform by slip localized in a dominant shear
band? Since the pillars are of nearly identical size, and produced by the same method, the only distinction is due to
the presence of high dislocation densities of order
1015 m2 [1], dislocation cell walls, high-angle grain boundaries and excess free volume. In the undeformed single
crystal condition, the entire pillar possesses a nearly homogeneous resistance to source activation and exhaustion.
However, in the tribolayer pillar the complex heterogeneous substructure possesses locally weak sites (“hot
spots”) where deformation is preferred, due to either easy
activation or lack of exhaustion. This conjecture might
explain the diﬀerences in slip morphology, but would
require further investigation to be proved conclusively.
5.2. Apparent contradiction between pillar compression and
nanoindentation
The present study is novel in that both pillar compression and nanoindentation techniques were used on the
exact same material to evaluate mechanical performance.
The nanoindentation technique was the de facto standard
technique for small volume mechanical measurements until
the pillar compression technique was introduced in 2004,
after which pillar compression has dominated the literature. When considered together, these pillar compression
and nanoindentation data indicate that the two testing
methods can produce apparently contradictory results.
Nanoindentation suggests that the wear scars are about
twice as hard as the single crystal. In contrast, pillar compression suggests that the wear scars are considerably
softer than the single crystal. While recent eﬀorts have recognized that in micro- and nanoscale testing the observed
strength depends on size, it is less obvious – and less well
recognized – that the observed strength depends substantially on the testing method.
As previously mentioned, the indentations size eﬀect
gives rise to a stronger response at shallower indents. The
classic model of strain gradient plasticity theory, however,
has been called into question by many recent experiments
and simulations [24–28], suggesting that source-limited
deformation may be a more likely cause for hardening in
submicron indents. Using this interpretation, our results
suggest that harder wear track material at these indents is
caused by the further reduction in the number and length
of glissile sources probed by indentation due to the pre-

existing damage substructure of the wear track material.
The wear track material can be considered a “pre-strained”
material and the hardness trends can be compared against
nanoindentation on pre-strained coarse-grained metals
[29,30]. These materials show that pre-strain generally
increases hardness, but only for indentations depths greater
than 250 nm. For smaller indents, there is no diﬀerence in
hardness, supporting the notion that at these depths the
hardness and strength are controlled by source limited
deformation. Thus, the wear track increase in hardness
observed here is likely caused by source-limited or
source-truncation hardening rather than conventional Taylor hardening.
This still does not explain why the tribolayer pillars are
softer than the single crystal parent material. At the submicron scale, these single crystal pillars are actually quite
strong. The strength of conventional macroscale single
crystal nickel would be expected to be below 100 MPa.
The enhanced strengths of the 250 nm diameter single crystal pillars arise from a well-documented mechanism
whereby single crystal pillar strength increases with
decreasing pillar size [17,21,31]. While the increased
strength is thought to be due to a reduction in dislocation
sources, the nature of the sources is still debated [32–40].
Two competing models of the nature of the sources, and
hence the size eﬀect, are single arm sources [41] (truncated
Frank–Read sources) and nucleation from the free surface
[42]. Experimental work has also shown that a transition
occurs near 100 nm, where a strength plateau is reached,
which has been interpreted to be a change from single
arm sources to surface nucleation [43]. Recently “prestraining” eﬀects have also been documented in micropillar
compression [44,45]: when a pillar is pre-deformed to build
in defects, it subsequently is softer than unstrained single
crystal pillars. Note that this behavior is opposite to the
strain hardening observed at the macroscopic scale.
The tribolayer pillars, similar to the pre-strained single
crystal micropillars, are softer than the parent material
micropillars. The cause is likely the same: the injection of
defects into the pillars via the wear process populates the
pillars with mobile dislocations that can contribute to plasticity and reduce the apparent strength of the material. It is
worth noting that a similar softening eﬀect was also
observed in the 60 nm grained Ni–4.4%W [46]. In that
work, the softening eﬀect was attributed to a transition
to grain boundary sliding and twinning as the pillar diameter approached the grain size. Such mechanisms were not
observed in these experiments, most likely because the presence of a high defect population obviates the need for additional deformation mechanisms.
The explanations of hardening in nanoindentation and
pillar compression may still appear contradictory since
both use the argument of source-limited deformation. In
the pillars, the grain size and pillar size are approximately
equal, thus the grains do not provide additional constraints
on the source length. However, they do provide additional
sources, which enhances the probability of ﬁnding weak
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sources and thus reduces the strength. In contrast, in nanoindentation the grain size limits the maximum source
length, making the wear tracks stronger.
Care must be taken in comparing the two methods
because they probe diﬀerent aspects of plasticity in conﬁned volumes. For micropillars, the uniaxial nature of
the loading tests for the weakest link [35,47], while nanoindentation probes a small volume around the indentation.
Furthermore, nanoindentation also includes residual stress
that would be removed when pillars are created. The eﬀect
of the residual stress is not known exactly, though we
expect it to be moderate because the material has already
undergone dynamic recovery.
From this set of apparently contradictory data, we are
left with the unanswered question of whether the wear
track is harder or softer than the parent material. To
resolve this contradiction, we have to reﬂect on why these
two nanomechanical test methods produce distinctly different trends: by the nature of these two methods, they
probe diﬀerent volumes of diﬀerently prepared material
with diﬀerent boundary conditions/constraints. Clearly,
of the two methods, the nanoindentation method more
closely mimics the constraint associated with tribological
wear, whereas the free surfaces associated with pillar compression create a nonrepresentative boundary condition.
Based on this assessment, we can imply that, from the
perspective of friction and wear conditions, the tribolayer
is more resistant to deformation than the neighboring
parent material.
6. Conclusions
Heavily dislocated triboﬁlms were created on the {1 1 0}
surface of pure single crystal nickel by kilocycle wear testing. The mechanical properties of both the parent single
crystal and the wear tracks were measured by micropillar
compression and nanoindentation. Pillar compression
showed the wear track material to be approximately twice
as soft as the single crystal, whereas nanoindentation indicated the nanocrystalline material to be about twice as hard
as the single crystal. Defects (e.g. grain boundaries and dislocations) generated by wear reduce the strength of the
nanocrystalline sub-micron pillars as compared with the
single crystal pillars, which are strengthened by dislocation
source starvation. The abundance of grain boundaries in
the nanoindented material reduces the average source
length and hence strengthens the material as compared to
the nanoindentated single crystal. These ﬁndings
indicate that diﬀerent testing methods can produce
qualitatively diﬀerent measurements of the mechanical
properties of nanomaterials, and that care must be taken
in the interpretation thereof. The boundary conditions of
nanoindentation more closely replicate the constraints
associated with tribological wear. This suggests that, from
the perspective of friction and wear experiments, the tribolayer is more diﬃcult to deform than the single crystal
nickel material.
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2006;54:2547–55.
[24] Rester M, Motz C, Pippan R. Acta Mater 2007;55:6427–35.
[25] Demir E, Raabe D, Zaafarani N, Zaeﬀerer S. Acta Mater
2009;57:559–69.
[26] Kreuzer H, Pippan R. Acta Mater 2007;55:3229–35.
[27] Pharr GM, Herbert EG, Gao Y. Anu Rev Mater Res 2010;40:271–92.
[28] Kiener D, Pippan R, Motz C, Kreuzer H. Acta Mater
2006;54:2801–11.
[29] Kim J-Y, Kang S-K, Greer J, Kwon D. Acta Mater 2008;56:3338–43.
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